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In titanium alloys, the ω(hexagonal)-phase transformation has been categorized as either a diffusion-mediated
isothermal transformation or an athermal transformation that occurs spontaneously via a diffusionless mecha-
nism. Here we report a diffusionless isothermal ω transformation that can occur even above the ω transformation
temperature. In body-centered cubic β-titanium alloyed with β-stabilizing elements, there are locally unstable
regions having fewer β-stabilizing elements owing to quenched-in compositional fluctuations that are inevitably
present in thermal equilibrium. In these locally unstable regions, diffusionless isothermal ω transformation
occurs even when the entire β region is stable on average so that athermal ω transformation cannot occur.
This anomalous, localized transformation originates from the fluctuation-driven localized softening of 2/3[111]β
longitudinal phonon, which cannot be suppressed by the stabilization of β phase on average. In the diffusionless
isothermal and athermal ω transformations, the transformation rate is dominated by two activation processes: a
dynamical collapse of {111}β pairs, caused by the phonon softening, and a nucleation process. In the diffusionless
isothermal transformation, the ω-phase nucleation, resulting from the localized phonon softening, requires
relatively high activation energy owing to the coherent β/ω interface. Thus, the transformation occurs at slower
rates than the athermal transformation, which occurs by the widely spread phonon softening. Consequently, the




Titanium alloys are indispensable for structural and
biomedical materials because they exhibit high strength, cor-
rosion resistance, and biocompatibility [1–3]. In particular,
body-centered cubic β-Ti alloys have attracted interest owing
to their superior functional and mechanical properties such as
shape-memory effect, superelasticity, and low Young’s mod-
ulus [3,4]. To control these superior properties, an in-depth
understanding of phase transformations from the metastable
β phase is of great importance. Recently, ω(hexagonal)-phase
transformation from the β phase has attracted much atten-
tion, because it can be utilized for the formation of unique
nanostructures composed of orthorhombic α′′ martensite or
hexagonal close-packed α phase within the β-matrix [5–7].
These findings constitute a paradigm shift in titanium science,
as emphasis was traditionally placed on the prevention of
formation of ω phase, owing to its negative impact on mechan-
ical properties such as the increase in ductility and Young’s
modulus [8,9].
Owing to the importance of ω transformation, its formation
mechanism has been studied extensively [8,10–13]. In β-Ti
alloys, ω transformation occurs via a periodic collapse of
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(111)β lattice plain pairs, in response to a softening of the
2/3[111]β longitudinal phonon mode [10] [see Supplemental
Material, Fig. S1(a) [14]]. Importantly, in the ω transforma-
tion, the transformation strain (eigenstrain) is small, similar
to the case of premartensite transformation, which occurs via
a shuffling motion of atomic planes [15,16]. Therefore, the ω
transformation is accompanied not by the softening of long
wavelength acoustic phonon at the gamma point but by the
softening of short wavelength acoustic phonon [17].
In terms of the transformation kinetics, the ω transfor-
mation has been categorized into two transformation modes
[8,10]: athermal and isothermal ω transformations. At low
temperatures, where atomic diffusion cannot occur, the ω
transformation occurs instantaneously via a diffusionless
mechanism; this is called athermal ω transformation [8]. In
contrast, at temperatures above ∼500 K, isothermal ω trans-
formation, which exhibits an incubation time for transforma-
tion, occurs [8]. In this case, solute-atom partitioning occurs
via atomic diffusion, and in the resultant solute lean β-phase
regions, athermal ω transformation occurs. Consequently, the
atomic diffusion is the origin of the observed incubation time
in the isothermal ω transformation.
However, in some previous studies, researchers claimed
that the ω phase is also formed during isothermal aging
at room temperature (RT) [18–20] where atomic diffusion
cannot occur. Recently, Tane et al. [21] revealed that a
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“diffuse ω structure” [8] is closely related to the isothermal
ω transformation near RT. These reports indicate that a dif-
fusionless isothermal ω transformation possibly occurs near
RT. Consequently, the classification of ω transformations must
be reconstructed. Furthermore, from a thermodynamic point
of view, athermal ω transformation near the transformation
temperature Tω has not been understood yet. In less stable
β-Ti alloys, a diffuse ω structure is formed above an athermal
ω transformation temperature Tω [10]. At Tω, athermal ω
transformation does not occur in the entire β matrix, and
it gradually proceeds via cooling below Tω [10], although
β ↔ ω athermal transformation does not exhibit a temper-
ature hysteresis, i.e., large undercooling is not required for
the transformation. To clarify these unsolved problems and
construct a universal ω transformation theory, we explore
the detailed mechanism of the diffusionless isothermal and
athermal ω transformations in the Ti-V alloy system.
II. METHODS
Master alloys with nominal compositions Ti-21V and Ti-
27V (at.%), showing different ω transformation behaviors,
were prepared from high-purity Ti and V via arc melting. In
the Ti-21V alloy whose β-phase is less stable, the athermal ω
transformation temperature Tω is 230 K [22]. In the Ti-27 V
alloy whose β-phase is more stable, the athermal ω transfor-
mation does not occur down to cryogenic temperatures [see
Supplemental Material, Fig. S1(b) [14]]. Single crystals were
grown from the master alloys using a floating-zone method
at a crystal growth rate of 2.5 mm h−1 in Ar atmosphere. V
concentrations in the prepared single crystals were analyzed
using inductively coupled plasma atomic emission spectrom-
etry, and the oxygen and nitrogen contents were determined
using an oxygen-nitrogen analyzer. The analyzed composi-
tions were Ti-20.72%V-0.42%O-0.08%N and Ti-27.91%V-
0.33%O-0.06%N in at.% units.
Cubic specimens of ∼4 × 4 × 4 mm3 were cut from the
single-crystal ingots for the measurements of elastic proper-
ties, resonance frequencies, and internal friction Q−1. Fur-
thermore, disk-shaped specimens of diameter ∼9 mm were
cut from the single-crystal ingots for the XRD measurements.
The cubic specimen surfaces were parallel to {100}β and
the flat surfaces of disk-shaped specimens were parallel to
{111}β . These single-crystalline specimens were subjected to
a solid-solution treatment at 1273 K for 1 h in vacuum and
were subsequently quenched in iced water.
For the disk-shaped specimens after quenching, the XRD
patterns near (0002)ω and (222)β were measured during aging
at ∼300 K for 10 days. The measurements were conducted
in planes parallel to (222)β using CuKα radiation. For the
measured XRD patterns, the change in the integrated intensity
of (0002)ω and (222)β was evaluated. For (0002)ω in the
Ti-21V alloy, the peak at ∼63.3◦, corresponding to the {1120}
plane in α′ phase [23], was excluded from the integration.
For the cubic single-crystals after quenching, the independent
elastic stiffness components of cubic symmetry, c11, c12, and
c44, were measured during aging at temperatures 276–323 K
for 10 days. For the ci j measurements, resonant ultrasound
spectroscopy [24] combined with electromagnetic acoustic
resonance (EMAR) [25] was used. In the RUS analysis, the
elastic stiffness components ci j were determined from the res-
onance vibration frequencies of the specimens, where EMAR
was used to identify the vibrational modes of the resonance
peaks measured by RUS. The shear modulus c′ = (c11 −
c12)/2 was calculated using the measured ci j components.
The quenched Ti-21V and Ti-27V alloy single crystals
were cooled from 300 to 10 K and were subsequently heated
to 300 K. During the cooling and heating experiments, the
resonance frequencies fr and internal friction Q−1 of the
alloys were measured using EMAR. A free-decay method was
used for the measurements of internal friction [26]. In the fr
and Q−1 measurements using EMAR, vibration-energy loss
and resonance-frequency shift originating from the mechani-
cal contact between a sensor and a specimen are quite small
[26], which enable the accurate measurement of fr and Q−1.
For the fr and Q−1 measurements, OY(2) and OX(2) modes
were used for the Ti-21V and Ti-27V alloys, respectively.
The dimensions of the Ti-21V and Ti-27V alloy specimens,
respectively, were 3.739 × 3.840 × 3.195 and 4.338 × 4.379
× 3.602 mm3. For the heating and cooling experiments, the
temperature was changed in steps of 10 or 5 K with an
equilibration time of 30 min after every temperature step.
The measurement time for the internal friction and resonance
frequency at every temperature was approximately 1 h.
Thin foils whose surfaces were parallel to (110)β were
cut from the single-crystalline ingots. Subsequently, these
foils were subjected to ion milling with 4.0 keV argon ions
for perforation. The accelerating voltage for the milling was
subsequently decreased to 2.0, 1.0, 0.5, 0.2, and 0.1 kV.
Electron diffraction patterns and dark-field images were ob-
tained using transmission electron microscopy (TEM, JEOL
JEM-2000EX) operated at 200 kV, whereas atomic-resolution
images were obtained using a spherical-aberration-corrected
FEI Titan3 G2 60-300 S/TEM operated at 300 kV. The probe
convergence angle and the inner and outer detector angles for
high-angle annular dark-field (HAADF) imaging were 17.9
and 50/200 mrad, respectively.
From an arc-melted ingot homogenized at 1273 K for
3 days in vacuum, needle-shaped specimens were prepared
using gallium focused-ion-beam (FIB) milling, using an FIB-
SEM dual-beam system (FEI, Helios NanoLab600i). A con-
ventional lift-out technique was used for the preparation.
Damaged regions near the specimen surface produced via
FIB milling were removed using a low-energy Ar ion milling
apparatus (Japan Physitec, Gentle Mill IV 5) operated at
0.5 kV. For the prepared specimens, atom probe tomography
(APT) measurements were conducted using a local elec-
trode atom probe equipped with a reflection lens (CAMECA,
LEAP4000XHR). The measurements were performed in a
voltage mode at a specimen temperature of 50 K, and the pulse
fraction was 20%. From the measured data, three-dimensional
atom maps were reconstructed using a dedicated software pro-
gram (CAMECA, IVAS-3.6.8). The three-dimensional atom
map was divided into a cubic mesh, and the local V con-
centration cV in each cube was analyzed. Subsequently, the
frequency distribution of cV in the cubic cells was obtained
with the frequency steps of 0.5 at.%. The local cV analyses
were conducted using five different meshing patterns, and the
average and standard deviation were evaluated. The length L
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FIG. 1. Formation of ω phase during aging near RT. (a) Change in integrated x-ray intensity of (0002)ω in Ti-21V and Ti-27V alloys
during aging at ∼300 K, where the integrated intensity of (0002)ω was normalized by that of (222)β . The x-ray diffraction (XRD) patterns
near (0002)ω after quenching are shown in the inset (Ti-21V) and Fig. S2 in the Supplemental Material [14] (Ti-27V). The peak at ∼63.3◦
corresponds to the {1120} reflections of the α′ phase [23], and its intensity does not change during aging. The change in shear modulus c′
during aging at 276, ∼300, and 323 K is shown in (b) for Ti-21V and in (c) for Ti-27V alloy single crystals. c′ is the single-crystalline shear
modulus for the {110}β〈110〉β shear. Even during aging at 323 K for 10 days, the mean V-atom displacement is only 6.4 × 10−5 nm for the
Ti-21V alloy and 3.9 × 10−8 nm for the Ti-27V alloy.
of a cubic cell was evaluated based on the detected number of
atoms, considering the atomic detection efficiency.
Eshelby’s equivalent inclusion method [27,28] was used to
evaluate the elastic strain energy Eelas caused by ω-phase
nucleation. The nonzero components of the transformation
strain (eigenstrain) tensor in the β → ω transformation of the
Ti-21V alloy are ε11 = ε22 = 0.049% and ε33 = 0.427% [23],
where the x1 and x3 directions are parallel to [1120]ω and
[0001]ω, respectively. In the calculation, the elastic stiffness
ci j components of the Ti-21V alloy after quenching were used
as those of the β-phase matrix, and the ci j components of
ω phase were approximated by those of single-crystalline ω
phase in pure Ti [29]. The shape of the ω phase particles was
assumed as spherical.
III. RESULTS AND DISCUSSION
A. Diffusionless isothermal ω transformation
and its driving mechanism
In a Ti-21V alloy [Fig. 1(a)], the normalized (0002)ω
intensity increases during aging at ∼300 K, which indicates
that ω phase is formed during aging at RT. Similarly, in the
Ti-27V alloy whose β phase is more stable [Fig. 1(a)], ω
phase is formed during aging at RT. Notably, in the Ti-21V
alloy, ω phase is formed above the athermal ω transformation
temperature Tω of 230 K [22]. In the Ti-27 V alloy, the
athermal ω transformation does not occur down to cryogenic
temperatures [see Supplemental Material, Fig. S1(b) [14]], but
ω phase is formed isothermally at RT.
In the Ti-21V alloy [Fig. 1(b)], the shear modulus c′
increases during aging at 276, 300, and 323 K, owing to
the formation of ω phase with relatively larger elastic con-
stants [29]. The change in shear modulus c′ increases
with the increase in aging temperature, which indicates that
the formation of ω phase is accelerated by an increase in
the aging temperature. In the Ti-27V alloy [Fig. 1(c)], the
shear modulus c′ hardly changes at 276 K, which indicates
that the formation of ω phase is suppressed by a decrease
in temperature. Remarkably, even during aging at 323 K
for 10 days, the mean V-atom displacement calculated us-
ing its diffusion coefficient [30] is only 6.4 × 10−5 nm for
the Ti-21V alloy and 3.9 × 10−8 nm for the Ti-27V alloy.
Thus, atomic diffusion could not occur during the present
aging processes, but ω phase could be formed isothermally
near RT.
The ω phase formed via aging at 323 K for 10 days
was observed in the Ti-21V alloy using TEM. Figure 2(a)
shows the electron diffraction pattern taken along the [011]β
direction. In addition to the diffraction spots from the β phase,
diffuse ω phase diffraction spots are observed. In contrast,
only diffuse streaks are observed in the alloy after quenching,
as shown in the inset of Fig. 2(a). Figure 2(b) shows the TEM
dark-field image taken with the ω-phase reflection spot in
Fig. 2(a). In the β matrix, a high density of ω phase particles of
a few nanometers in size is formed homogeneously. The size
and atomic arrangement of the ω phase formed via aging were
analyzed using high-angle annular dark-field scanning TEM
(HAADF-STEM). Figures 2(c) and 2(d) show the HAADF-
STEM image and the overlay of RGB images filtered by
using the reflection spots from the ω-phase domains 1 (G:
green) and 2 (R: red), respectively. The size of the green
and red images in Fig. 2(d) indicates that the size of ω
phase particles is limited to a few nanometers. Figure 2(e)
shows the magnified and colored HAADF-STEM image of
the dashed square region in Fig. 2(c) and the corresponding
intensity profiles along the X -Y direction, and Fig. 2(f) shows
the atomic arrangement of the β and ω phases. The {111}β
plane pairs in the central region of the ω phase, indicated by
the green square in Fig. 2(e), are almost fully collapsed on
043604-3
MASAKAZU TANE et al. PHYSICAL REVIEW MATERIALS 3, 043604 (2019)
FIG. 2. TEM and HAADF-STEM observations in the Ti-21V alloy after aging at 323 K for 10 days. (a) Electron diffraction pattern taken
along the [011]β direction. Calculated electron diffraction patterns for two domains of the ω phase. An electron diffraction pattern of the
Ti-21V alloy after quenching is shown in the inset. (b) TEM dark-field image taken with the diffuse reflection spots from the ω phase. Scale
bar: 20 nm. (c) HAADF-STEM image taken along the [011]β direction. Scale bar: 5 nm. (d) Overlay of RGB images filtered by using reflection
spots from the β phase (B: blue) and domains 1 (G: green) and 2 (R: red) of the ω phase. (e) Magnified and colored HAADF-STEM image
of the highlighted region with the dashed square region in (c). Scale bar 1 nm. Intensity profiles along the X-Y direction. The intensity peaks
of the blue profiles are equally spaced in both the β and ω phases while those of the pink and green profiles are shifted towards Y and X ,
respectively, in the ω phase as indicated by pink and green arrows. (f) Atomic arrangement of the β phase and two domains of the ω phase
viewed along the [011]β direction.
the atomic scale whereas those in the interfacial region of
the ω phase are only partially collapsed. This indicates that
diffuse ω phase particles can be formed locally on the atomic
scale.
Figure 3(a) shows the V atom distribution in cross sections
of the Ti-27V alloy after aging at 323 K for 10 days and
after aging at 573 K for 1 h, obtained using APT. After
aging at 323 K for 10 days, V atoms are homogeneously
dispersed. This confirms that solute-atom partitioning via
atomic diffusion does not occur during aging at 323 K. In
contrast, V-lean regions are formed after aging at 573 K
for 1 h, as indicated by the blue arrows. The frequency
distribution of local V concentration cV, shown in Fig. S3 of
the Supplemental Material [14], also indicates that V atoms
are homogeneously dispersed after aging at 323 K, whereas
solute-atom partitioning via atomic diffusion occurs during
aging at 573 K. These results show that solute-atom partition-
ing via atomic diffusion does not occur even during aging at
323 K for 10 days. Accordingly, it is verified that the ω phase
is formed via a diffusionless mechanism, i.e., diffusionless
isothermal ω transformation occurs near RT. A classification
of ω transformations is shown in Fig. 3(f).
According to fluctuation theory in statistical physics [31],
the V concentration cV in the studied Ti-V solid solution
fluctuates around its average value in any local region. The
probability density of cV in a region containing N atoms is
given by










σ 2 = kT
N (∂μV/∂〈cV〉 + ∂μTi/∂〈cTi〉) , (2)
where N is the total number of Ti and V atoms in the region
that is now considered; σ is the standard deviation of cV; 〈cV〉
and 〈cTi〉(=1 − 〈cV〉) are the mean V and Ti concentrations
in the alloy, respectively; and μV and μTi are the chemical
potentials of V and Ti, respectively. Equation (2) indicates
that the standard deviation σ increases with the decrease in N ,
i.e., cV fluctuates largely in a local region containing a small
number of atoms.
In the Ti-27V alloy after aging at 323 K for 10 days,
the local variation of cV in cubic cells was analyzed using
APT. Figure 3(b) shows the relative frequency of cV in cubic
cells with the length L = 3.5 nm. The plots denote the APT
measurements and the line denotes the relative frequency eval-
uated using a binominal distribution, which corresponds to the
frequency distribution in the ideal solution of the Ti-27V alloy
[see Supplemental Material, Figs. S4(a) and S4(b) and their
explanations [14]]. In an ideal solution, the standard deviation
σ in Eq. (2) is simply reduced to σ = √〈cV〉(1 − 〈cV〉)/N
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FIG. 3. APT analyses of the V-atom distribution. (a) V-atom distributions in cross sections of the Ti-27V alloy after aging at 323 K for
10 days and after aging at 573 K for 1 h, obtained using APT. The relative frequency of V concentration cV in cubic cells with length L, in
the Ti-27V alloy after aging at 323 K for 10 days: L = 1.4 (b) and 3.5 nm (c). The error bars denote the standard deviation from five rounds
of APT analyses. In (d) Ti-27V and (e) Ti-21V alloys, the upper and lower limits of V concentration, 〈cV〉 + 3σ and 〈cV〉 − 3σ , in cubic cells
with length L are shown. The blue dashed lines indicate the macroscopic average of V concentration 〈cV〉, and the purple dashed lines denote
cω that is the V concentration where athermal ω transformation occurs at 300 K. (f) Classification of ω transformations.
(binominal distribution), with N = nL3, where n is the number
density of atoms in the cell. For L = 3.5 nm [Fig. 3(b)], being
sufficiently large compared to the positional resolution (∼1 ×
1 × 0.2 nm3) of the present APT apparatus, the measured V
concentration cV fluctuates around the macroscopic average
〈cV〉. However, all the measured cV values are larger than cω
(the purple dashed line) that is the V concentration where
the athermal ω transformation occurs at 300 K. In Fig. 3(b)
the frequency distribution of the measured cV is almost the
same as that evaluated using a binominal distribution, i.e.,
the measured frequency distribution is almost equal to that
in the ideal solution [see Supplemental Material, Figs. S4(a)
and S4(b) and their explanations [14]]. On the other hand,
when L is set at 1.4 nm [Fig. 3(c)], cV fluctuates strongly.
Consequently, it deserves to note that, at this length scale,
there exist the relative frequencies corresponding to the V
concentration below cω (300 K).
Here we discuss a mechanism of the diffusionless isother-
mal ω transformation. Figure 3(d) shows the variation of V
concentration cV as a function of the cell length L. The plots
are the 〈cV〉 + 3σ and 〈cV〉 − 3σ values obtained from the
APT measurements, and the lines denote the same values
evaluated using binominal distributions. The V concentra-
tion cV fluctuates within the range between 〈cV〉 − 3σ and
〈cV〉 + 3σ with a probability of 99.7%, whereas it fluctuates
within the range between 〈cV〉 − 2σ and 〈cV〉 + 2σ with a
probability of 95.4%. The range expressed by the 〈cV〉 ± 3σ
values covers the fluctuated V concentrations almost entirely,
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FIG. 4. Temperature dependence of resonance frequency and internal friction. Change in resonance frequency  fr and internal friction
Q−1 in (a) Ti-21V and (b) Ti-27V single crystals after quenching, upon cooling and heating. The resonance frequency values at 300 K after
quenching the Ti-21V and Ti-27V alloys are 513.592 and 456.512 kHz, respectively. The green lines are the Debye-function fits.
even though the 〈cV〉 ± 2σ values can also express the range
of the fluctuated V concentrations with a high probability.
Therefore, 〈cV〉 + 3σ and 〈cV〉 − 3σ are referred to as the
upper and lower limits of cV, respectively, and their values
are used for the discussion of the fluctuated V concentra-
tions. In both the measurements and binominal distributions
[Fig. 3(d)], the upper limit 〈cV〉 + 3σ increases and the lower
limit 〈cV〉 − 3σ decreases with the decrease in L. In regions of
L < ∼2 nm [Fig. 3(d)], the lower limit 〈cV〉 − 3σ is smaller
than cω(300 K). In such local V-lean regions of a few cubic
nanometers in size, ω transformation can occur at 300 K. In
contrast, in larger volumes, the fluctuation is small, i.e., cV
is close to the average 〈cV〉. Thus, large ω particles cannot
be formed. This is confirmed by the fact that athermal ω
transformation, which forms large ω particles, does not occur
at RT in the Ti-27V alloy. Figure 3(e) shows the upper and
lower concentration limits of cV in the Ti-21V alloy, evaluated
using binominal distributions. For L <∼9 nm, the lower limit
〈cV〉 − 3σ is smaller than cω (300 K). Thus, ω transformation
can occur in the local V-lean regions of L <∼9 nm. This is
confirmed by the HAADF-STEM observation, which shows
that the size of ω phase particles formed during aging near RT
is limited to a few nanometers.
The presented statistical analyses show that, in V-lean
regions, which are inevitably present owing to quenched-in
compositional fluctuations, the ω phase can be formed locally
even if the β-phase region is stable on average. This explains
how diffusionless isothermal ω transformation can occur even
in highly stabilized alloys where athermal ω-transformation
cannot occur. Furthermore, quenched-in compositional
fluctuations also explain how the diffuse ω structure
(localized ω phase) is formed above Tω and why athermal ω
transformation cannot occur in the entire matrix at Tω [see
Supplemental Material, Fig. S4(c) and its explanation [14]].
B. Kinetic process of time-dependent diffusionless
isothermal ω transformation
Figure 4(a) shows the change in the acoustic resonance
frequency  fr and internal friction Q−1 during the cooling
and heating processes in the Ti-21V alloy. The internal friction
Q−1 was measured at temperatures higher and significantly
lower than Tω(21V) = 230 K. The broad Q−1 peak appears
at ∼100 K, which is significantly lower than Tω. In terms of
the resonance frequency, fr steeply increases below 150 K,
where  fr is approximately proportional to
√
c′ [see Sup-
plemental Material, Fig. S5(a) [14]]. This increase in fr is
attributed to the M effect [32] related to the Q−1 peak
[see Supplemental Material, Fig. S5(c) [14]]. Moreover, the
increase in fr is caused by the athermal ω transformation
occurring below Tω. Above ∼280 K, the resonance frequency
fr upon heating becomes larger than that upon cooling, which
is caused by the diffusionless isothermal ω transformation
during the measurement process [see Supplemental Material,
Fig. S6(a) [14]]. In the Ti-27V alloy [Fig. 4(b)], the resonance
frequency fr upon the heating and cooling processes changes
strongly below 170 K, owing to the M-effect. The Q−1 peak
appears at ∼120 K, where neither the diffusionless isother-
mal nor athermal transformation occurs [see Fig. 1(c) and
Fig. S6(b) in the Supplemental Material [14]].
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FIG. 5. Kinetics of diffusionless isothermal and athermal ω transformations. (a) Schematic illustration showing temporary ω regions
formed by the dynamic {111}β collapse. The temporary ω region is not a permanent ω phase, as the precipitate cannot reach the critical
size necessary to compensate for the energy gain caused by the β/ω coherent phase boundary. (b) Schematic illustration showing a permanent
ω phase formed by a nucleation process with the β/ω coherent interface. (c) Schematic illustration explaining the effect of compositional
fluctuations on diffusionless isothermal and athermal ω transformations in the Ti-21V alloy.
Sommer et al. [33,34] suggested that the anelastic re-
laxation causing Q−1 is the dynamically fluctuated {111}β
collapse (“dynamic {111}β collapse”), which occurs in local
β regions where ω transformation has not occurred yet. The
temperature of a Q−1 peak depends on the frequency fr used
for the Q−1 measurement and obeys the Debye relaxation
function [33,34], which indicates that the dynamic {111}β
collapse can occur at various temperatures even where the
ω transformation does not occur (see Supplemental Mate-
rial, Supplemental Note 1 [14]). Therefore, we regard the
dynamic {111}β collapse as the elementary process of the
ω transformation, which forms a temporary ω structure and
does not necessarily result in the ω transformation, i.e., the
ω-phase nucleation. The temporary ω structure formed by
the dynamic {111}β collapse is schematically illustrated in
Fig. 5(a). Notably, owing to the compositional fluctuations,
the less stable β regions, where dynamic {111}β collapse
occurs, are possibly present at various temperatures where the
β phase is retained. As shown in Figs. S5(d) and S6(b) of the
Supplemental Material [14], Q−1 decreases via diffusionless
ω isothermal transformation, which confirms that the dynamic
{111}β collapse causing Q−1 occurs in less stable β-phase
regions, formed by the compositional fluctuation.
The dynamic {111}β collapse is the elementary process
of the transformation. Thus, an ω-phase nucleation process
is additionally required for the occurrence of the ω transfor-
mation, as schematically illustrated in Fig. 5(b). Accordingly,
we propose that the ω-transformation rate I is given by the
combination of the frequency of the dynamic {111}β collapse
forming a temporary ω structure and the probability of the
nucleation forming a permanent ω phase:
I ∝ f0 exp(−E{111}/kT ) exp(−W ∗/kT ), (3)
where f0 is the frequency factor of the dynamic {111}β
collapse, and E{111} and W ∗ are the activation energies
of the dynamic {111}β collapse and the ω-phase nucleation,
respectively (see Supplemental Material, Supplemental Note
2 [14]).
The energy barrier for the dynamic collapse originates
from the free energy barrier between the β and ω structures.
Here the free energy is a function of the degree of the {111}β
collapse which can express the transient state between the β
and ω structures. The dynamic {111}β collapse occurs locally
in less stable β-phase regions. Thus, the distortion of (0002)ω
and (111)β occurs during the activation process [Fig. 5(a)],
which causes the interface energy between the β structure
and the transition state. In the ω transformation, the elastic
strain energy caused by the transformation strain is low as
explained later. Thus, the elastic strain energy is probably low
during the activation process. Therefore, the energy barrier
for the dynamic {111}β collapse mainly originates from the
free energy barrier between the β and ω structures and the
interface energy between the β structure and the transition
state.
The activation energy E{111} of the dynamic {111}β col-
lapse in Eq. (3) was evaluated by analyzing the Q−1(T ) curve
of the Ti-21V alloy [Fig. 4(a)], using the Debye function [32]:
Q−1 =  ωrτ0 exp(E{111}/kT )
1 + [ωrτ0 exp(E{111}/kT )]2 , (4)
where  is the relaxation strength, ωr (=2π fr) is the angular
frequency, τ0(=1/ f0) is the time constant (2.2 × 10−14 s)
[33], and k is the Boltzmann constant. The analysis revealed
that the activation energy E{111} corresponding to the peak
is as small as 0.14 eV. In Fig. 4(a) the measured Q−1 peak
is broader than the Debye-function fit denoted by the green
line, which indicates that E{111} takes multiple values. More
detailed analyses, shown in Fig. S7(a) of the Supplemental
Material [14], revealed that the E{111} values are widely
distributed in the range ∼0.05–0.30 eV. In the Ti-27V alloy
[Fig. 4(b)], the activation energy E{111} for the peak is
0.18 eV, which is higher than that in the Ti-21V alloy. This
indicates that the activation energy increases with the increase
in β-phase stability. In the Ti-27V alloy, the E{111} values are
also widely distributed in the range ∼0.05–0.25 eV [see Sup-
plemental Material, Fig. S7(b) [14]]. These large variations
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of the activation energy are probably attributed to the spatial
distribution of β-phase stability, formed by the compositional
fluctuations.
For a spherical ω nucleus with a radius r, the activa-
tion energy of nucleation in Eq. (3) is given by W ∗ =
16πγ 3/[3(Gω−β + Eelas)2], where γ is the β/ω coherent
interface energy, Gω−β is the chemical free energy differ-
ence between ω and β phases, and Eelas is the elastic strain
energy caused by the transformation strain (eigenstrain). In
the ω transformation, the transformation strain is small [23].
Thus, the elastic strain energy caused by the transformation
strain is low; Eelas = 0.716 MJ · m−3. Therefore, the elastic
strain energy can be compensated by the small undercooling
(T ) of ∼ − 1 K, where Gω−β = 0.647T MJ · m−3 [35].
Consequently, W ∗ mainly depends on the chemical free
energy difference Gω−β and the β/ω interface energy. Here
the β/ω interface energy γ mainly originates from the elastic
energy caused by the distortion of (111)β and (0002)ω around
the β/ω coherent interface [Fig. 5(b)]. Thus, γ depends on
the degree of 2/3[111]β -phonon softening, and the phonon
softening leads to a low γ value.
In the diffusionless isothermal transformation near RT
[Fig. 5(c)], ω phase particles nucleate in local V-lean regions,
by utilizing local free energy differences Gω−β formed
by compositional fluctuations. The local V-lean regions are
inevitably surrounded by stable β regions in which 2/3[111]β -
phonon softening is less pronounced. Owing to this local-
ized 2/3[111]β -phonon softening, a high elastic energy is
required for the distortion of (0002)ω and (111)β , and thus,
the β/ω interface energy is high. Consequently, W ∗ of
the nucleation process is high, and thus, the probability of
nucleation exp(−W ∗/kT ) is low. Therefore, diffusionless
ω transformation occurs at slow transformation rates, even
though the elementary process corresponding to the dynamic
{111}β collapse is frequent (∼200 GHz) at RT, as shown in
Fig. S7(c) of the Supplemental Material [14]. Owing to the
high W ∗ of the nucleation process, diffusionless isothermal
transformation is suppressed at low temperatures, and thus,
it occurs only near and above RT. Notably, the small trans-
formation strain is important for an ω phase to nucleate by
utilizing a local-negative Gω−β formed by the compositional
fluctuations, because the corresponding low elastic strain en-
ergy Eelas can easily be compensated by the local-negative
Gω−β . Thus, in the ω transformation, the localized phonon
softening, which occurs in locally unstable regions, can lead
to the transformation, being “uncooperative” with other stable
regions. This mechanism of the localized transformation is
distinct from that of displacive transformations with large
transformation strains, which “cooperatively” occur in widely
spread regions, accompanied by the softening of long wave-
length acoustic phonon at the gamma point.
Below the athermal ω transformation temperature Tω, most
of the β region is unstable, as shown in Fig. 5(c). Thus,
2/3[111]β -phonon softening occurs in most of the β matrix,
and therefore, ω nuclei are surrounded by unstable β re-
gions. Consequently, the β/ω interface energy γ around the
nucleus is negligible, as in the case of the nucleation near
the instability temperature of the first-order transformation.
In this case, W ∗ of the nucleation process is low. There-
fore, athermal ω transformation occurs instantaneously even
at low temperatures, because the dynamic {111}β collapse
is still frequent at low temperature (∼14 GHz at 200 K),
as shown in Fig. S7(c) of the Supplemental Material [14].
Accordingly, the transformation rates of both diffusionless
isothermal and athermal ω transformations are dominated by
the two activation processes: the dynamic {111}β collapse
and nucleation process. However, their transformation rates
are different, originating from the difference in the nucleation
probabilities reflecting the β/ω interface energy, that is, the
nucleation probability is the rate-determining process in the
ω transformation. The β/ω interface energy depends on the
spatial distribution of unstable β regions formed by com-
positional fluctuations. Thus, the compositional fluctuations
dominate the kinetics of ω transformation as well as the
thermodynamics of the transformation.
IV. CONCLUSIONS
We revealed that diffusionless isothermal ω transformation
occurs in local V-lean regions formed by quenched-in com-
positional fluctuations even when athermal ω transformation
cannot occur. This anomalous, localized transformation orig-
inates from the localized softening of 2/3[111]β longitudinal
phonon, which occurs in unstable V-lean regions formed by
the quenched-in compositional fluctuations. Therefore, the lo-
calized transformation cannot be suppressed by the stabiliza-
tion of β phase on average. The transformation rates of both
diffusionless isothermal and athermal ω transformation are
dominated by the frequency of the dynamic {111}β collapse
and the probability of ω-phase nucleation, but the activation
energy of the nucleation process results in an evident differ-
ence in their transformation rates. The quenched-in compo-
sitional fluctuations determine the activation energies of the
nucleation process and the dynamic {111}β collapse, and thus,
the compositional fluctuation is the key factor to understand
the thermodynamics and kinetics of ω transformation.
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